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Canonical relaxors exhibit an electric-field-induced phase transition between a macroscopically nonpolar and
polar phase that can be tuned from being stable at low temperature to being reversible at high temperature.
The reversibility of this phase change determines the electromechanical performance and large strains can be
achieved if the polar phase is intrinsically unstable. This paper is on the thermal depolarization characteristics of a
BNT-BT-based multiphase relaxor ceramic observed through the transition temperature from field-induced polar
to nonpolar state. It is shown that the progress of detexturization strongly depends on the crystallographic phase.
In the more susceptible phase, it becomes significant about 40 °C below the macroscopically observed transition
temperature. Additionally, the surface domain structure vanishes at lower temperatures than expected from both
dielectric and structural measurements. The development of strong interfacial stresses aiding depolarization, and
a mismatch in chemical pressure between surface and bulk, are discussed as the origins for the observed effects.
Tailoring of interfacial stresses through chemical adaption of crystallographic phase fractions opens up a pathway
to optimize the strain performance of actuator materials and can become a useful tool to stabilize metastable
crystallographic phases as well as for property tuning in piezotronics, Mott insulators and multiferroics.
DOI: 10.1103/PhysRevMaterials.3.054406
I. INTRODUCTION
The unique properties displayed by canonical relaxor sys-
tems, such as the electric-field-induced change between a
pseudocubic and a long-range polar state [1–5], the associated
huge unipolar strain [6,7], and the phase-transition-mediated
polarization reversal mechanism [8], make these materials fas-
cinating and challenging objects of study in materials science
research.
Especially, the peculiar differences of the dielectric char-
acteristics in the electrically poled and unpoled state were the
focus of many studies during the last few decades [9–14]. The
unpoled state is determined by the presence of local polar be-
havior. In this state, the electric dipoles are not correlated [15],
leading to distinct dispersive characteristics of the dielectric
properties. Electric poling can enforce correlated behavior,
such that a ferroelectric long-range order is established. The
stability of this ferroelectric order in the field-free state is
determined by chemical composition as well as prevalent
temperature. For a specific composition, there exist different
threshold temperatures: TF-R, marking the transition from
correlated to uncorrelated behavior—or from ferroelectric to
relaxor characteristics [8,16,17] and Td, marking the loss of
preferred domain orientation [18].
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The instability of the induced ferroelectric state is the
main origin for the appearance of high unipolar strains in
relaxor-ferroelectric materials [3,19]. It is known that the
transition temperature TF-R can be tuned by chemical doping
[20], introducing a higher intrinsic degree of disorder into the
system. This effect can as well be achieved by the intentional
design of ferroelectric/relaxor core-shell composites [4,21,22]
or by controlled thermal treatment, such as quenching from
high temperatures [23]. Application of mechanical stress is
another means to tune TF-R and with this to favor the long-
range polar state over the pseudocubic state [24]. The close
link between mechanical stress state and prevalent crystallo-
graphic phase is not only fundamental for relaxor/ferroelectric
systems [25,26], but as well for many other material systems,
e.g., structural ceramics [27], metals [28], and various com-
posites [29].
Many relaxor-ferroelectric ceramics exhibiting high actu-
ating performance are not only chemically rather complex,
but are also located in the morphotropic phase region leading
to the appearance of multiple crystallographic phases even
within single grains [30]. One system exhibiting such an “in-
trinsic core-shell structure” of a polar minority phase embed-
ded into a polar majority phase is (Bi1/2Na1/2)TiO3-BaTiO3
(BNT-BT). For the morphotropic composition BNT-6BT the
majority phase was reported to be of rhombohedral nature,
while the minority phase is tetragonal [5]. Its ability to take on
different phases simultaneously and to change the phase ratio
to adapt to external stimuli [5,24] is the main origin for its
exceptional electromechanical performance. Across the phase
boundary at around 6% BT the pseudocubic relaxor phase is
stable in the unpoled state, whereas the electric-field-induced
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phase composition of distorted ferroelectric phases strongly
varies across the phase boundary [5]. High actuating strains,
however, are only achieved if the reversibility of the relaxor-
ferroelectric transition is exploited, e.g., by operating the
material close to its TF-R. The thermal evolution of the material
properties gives insight into the mechanisms governing the
decay from correlated to uncorrelated behavior, and detailed
studies on the development of dielectric properties [31], do-
main patterns [32], and structural characteristics [33,34] are
available.
In this paper we focus on the multiphase nature of the
(Bi1/2Na1/2)TiO3-BaTiO3 system and the evolution of the
polar phases upon approaching and passing of TF-R with
increasing temperature. While the majority phase stays stable
up to TF-R in terms of texture and unit-cell dimensions, a
gradual detexturization of the minority phase is observed over
the whole temperature range. In contrast to that, the surface
domain structure decays already at significantly lower temper-
atures. Interfacial stresses developing between majority and
minority phases as well as differences in local stress state
between surface and bulk are discussed as driving factors
of the phase-transition dynamics. Tailoring of the interfacial
stress state in multiphase relaxor-based materials can be a tool
to optimize their actuating performance.
II. EXPERIMENTAL PROCEDURE
0.94(Bi1/2Na1/2)TiO3-0.06Ba(Zr0.05Ti0.95)O3 ceramics
were prepared via solid-state processing. A detailed
description of the processing routine can be found elsewhere
[20,35].
Measurements of strain S and piezoelectric coefficient d33
were performed using a commercial TF2000 system (Aix-
ACCT, Aachen, Germany). For the electric measurements,
disk-shaped samples of about 7-mm diameter and 1-mm
thickness were polished to 15-μm finish and annealed at
300 °C. Sputtered gold was applied as electrodes. The strain
was determined at a frequency of f = 1 Hz. The measurement
parameters for the remanent d33 were f = 1 kHz and Eac =
2.6 V/mm. To ensure that the samples were homogeneously
polarized, the same setup was used to pole the samples
before the piezoresponse force microscopy (PFM) studies. In
this case, the samples were polished to 1/4-μm finish using
diamond paste. Air-dried silver electrodes were applied for
poling and were washed off with ethanol before the PFM
scans. The samples were poled using a triangular waveform
with a frequency of f = 1 Hz and a maximum electric field of
E = 4.5 kV/mm.
Temperature- and frequency-dependent permittivity was
determined using an Alpha A High Performance Frequency
Analyzer coupled to a Novotherm furnace (Novocontrol Tech-
nologies, Montabaur, Germany). The excitation voltage cho-
sen was 1 Vrms corresponding to 1.15 V/mm.
The temperature-dependent piezoresponse force mi-
croscopy study was conducted with an AIST-NT Smart
SPM1000 system in air. Mikromasch Pt-coated probes (NSC-
35) were used for imaging. Neutron-diffraction measurements
were taken at the Wombat diffractometer at the Bragg In-
stitute, ANSTO, Sydney, Australia [36]. The samples used
were of matchstick shape with a base of 3.5 × 3.5 mm and
a length of about 25 mm. The samples were polished to a
15-μm finish and air-dried silver electrodes were applied to
two opposing sides of 3.5 × 25 mm. Placed already in the
sample holder, but prior to measurement, one bipolar electric
cycle with a frequency of 1 Hz and a maximum electric field
of 4.5 kV/mm was applied to the sample using a Trek 20/20
high-voltage amplifier (TREK, INC., Medina, NY). Texture
measurements were taken in the remanent state by recording
multiple diffraction exposures as the sample was rotated in
15° steps through 180°. Texture measurements were con-
ducted at several temperature steps upon heating from room
temperature to 100 °C. Details of the sample environment
and the measurement method can be found elsewhere [19,37].
Strain and phase analysis was carried out using the software
package MAUD (Materials Analysis Using Diffraction) [38]
and a detailed description can be found elsewhere [39].
For microstructural analysis a sample was polished to a
1-μm finish and subsequently thermally annealed at 970 °C
for 5 min. Micrographs were taken using a Zeiss Supra 55VP
scanning electron microscope (Carl Zeiss AG, Oberkochen,
Germany). Supplemental Material, Fig. S1 shows a micro-
graph of the thermally etched sample surface [40].
III. RESULTS AND DISCUSSION
Measurements were conducted on dense bulk ce-
ramics (Fig. S1 [40]) of composition 0.94(Bi1/2Na1/2)
TiO3-0.06Ba(Zr0.05Ti0.95)O3, with the Zr dopant taking in-
fluence on the transition temperatures compared to undoped
94BNT-6BT, but not the general relaxor-ferroelectric charac-
teristics [20].
The temperature-dependent strain hysteresis loops de-
picted in Fig. 1 clearly show a change in the mechanism
determining the strain output. For temperatures up to 70 °C
a typical ferroelectric “butterfly” shape of the hysteresis is
observed, which starts to deform around 80 °C and transforms
into a “sproutlike” shape with further increasing temperature.
The latter is signified by the lack of remanent strain as well
as unipolar strain values comparable to commercially used
Pb(Zr, Ti)O3-based ceramics [7]. The change in hysteresis
shape is related to the material-specific transition temperature
TF-R, indicating the loss of ferroelectric long-range order.
FIG. 1. Temperature-dependent strain hysteresis loops.
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FIG. 2. Temperature- and frequency-dependent permittivity and
tanδ, heating rate of 2 K/min, 100 Hz < f < 0.3 MHz.
Figure 2 presents the temperature- and frequency-
dependent permittivity ε′ and tanδ as measured on an elec-
trically prepoled sample. As different heating rates were used
in the experiments presented in this study, the temperature-
dependent permittivity was recorded for the two extreme
cases, namely 2 K/min (Fig. 2) and 0.5 K/min (Fig. S2 [40]).
For both heating rates, no significant difference of TF-R could
be observed, making the results obtained by the different
methods presented comparable. The nondispersive behavior
at temperatures below 90 °C changes to strong dispersive
characteristics up to about 200 °C, which indicates the loss of
ferroelectric long-range order. Both the dispersive characteris-
tics and the maximum permittivity value around 280 °C are in
line with other reports on this material system [31,34,41]. The
transition from ferroelectric to relaxor state occurred at 91 °C,
while the depolarization temperature Td, at which dipole
correlation still remains but the preferred domain orientation
decays [18], was found to be 87 °C (Fig. S3 [40]).
To investigate the impact of temperature on the domain pat-
tern, PFM studies were conducted. The ceramic sample was
poled ex situ to achieve a fully poled bulk and then transferred
to the PFM setup for temperature-dependent measurements.
Figure 3(a) shows vertical-amplitude PFM images after local
electrical poling with different voltages at room temperature,
where each bias voltage was applied in the marked box areas
(dotted lines). Relatively low voltages around 9–10 V lead to
domain changes and likely surface poling, i.e., not through
the whole depth of the bulk ceramic sample. To scan the
domain pattern as it was introduced during ex situ poling,
care was taken to apply only small biases below 1.5 V to
avoid any additional poling during the measurement. Topog-
raphy measurements showed that samples were rather smooth
with a root-mean-square surface roughness of around 2 nm
[Fig. 3(b)].
Figures 3(c) and 3(d) show images of the lateral phase
taken at 25 and 75 °C, respectively. The ex situ poling process
leads to a well-poled sample at room temperature with a stable
long-range domain structure as observed in Fig. 3(c). In the
as-prepared state, an irregular domain microstructure exists
with surface domain sizes around hundreds of nanometers in
both the acquired in-plane and out-of-plane piezoresponse.
However, already at 75 °C, which is about 10 °C below Td, the
overall large-scale domain structure is replaced by a grainy
contrast and only a few larger domains remain [Fig. 3(d)].
Similar to previous in situ poling studies [42], the domain
patterns observed at the sample surface decay at significantly
lower temperatures than expected from the bulk piezoelectric
and dielectric observations in Figs. 1 and 2. As the sample
was not just locally poled but had been subjected to the poling
field over the whole sample volume, a more fundamental
mechanism than the previously proposed incomplete poling
of the sample seems to govern this effect.
To further explore the development of domain tex-
ture, temperature-dependent neutron-diffraction measure-
ments were conducted (Fig. 4). Similar to the temperature
dependency of the domain patterns, distinct changes of the
crystallographic structure are expected upon heating through
Td and TF-R. From the presence of the one-half 311C su-
perlattice reflection [Fig. 4(a)] as well as the apparent peak
splitting of the 111C and 200C reflections [Figs. 4(b) and 4(c)]
it can be concluded that the poled state exhibits a tetrag-
onal/rhombohedral phase mixture, which previously was
FIG. 3. Temperature-dependent PFM measurements.( a) Vertical-amplitude PFM images after local electrical poling with different voltages
at room temperature, where each bias voltage was applied in the box areas (dotted lines). b) Topography scan with a root-mean surface
roughness of around 2 nm, lateral PFM phase at (c) 25 °C, (d) 75 °C.
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FIG. 4. Contour plots showing the development of the 1/2 311c,
111c, and 200c reflections taken by neutron diffraction upon increas-
ing temperature. The sample was oriented such that the electric-field
vector upon poling was located between the scattering vectors of the
111c and 200c reflections. The scales were adapted for each reflection
for improved visualization.
identified to consist of tetragonal P4mm and rhombohedral
R3c [43]. The tetragonal phase is the minority phase with
about 20% phase content at room temperature. For BNT-BT-
based systems there are a number of reports showing that
different phases appear as locally clearly separated regions,
often sharing a single grain [43–45].
With increasing temperature, the polar characteristics are
lost between 80 and 85 °C, which is slightly below TF-R =
91 ◦C extracted from Fig. 2. For higher temperatures the aver-
age structure appears to be cubic in agreement with previous
reports [8,46].
The temperature-dependent development of the texture for
each phase can be followed with the pole figure densities
(PFDs) f (hkl ), generated from the orientation distribution
function (given in multiples of random distribution) in Fig. 5.
Both phases exhibit very high ferroelastic PFD values in
poling direction, highlighting that the electric-field-induced
phase transformations allow a high degree of alignment along
the electric-field vector. The morphotropic character of the
material allows precipitation of either the tetragonal or the
rhombohedral phase from the pseudocubic state, depending
on which phase is favored by the grain orientation. Similar
characteristics have been reported for Bi1/2Na1/2TiO3-SrTiO3
core-shell compositions [4].
With increasing temperature, the textures of the rhombo-
hedral and tetragonal phase develop quite differently (Fig. 5).
While the former stays unchanged up to 85 °C and vanishes
for higher temperatures resembling the macroscopic depoling
characteristics in Fig. S3 [40], the changes for the latter are
gradual and the loss of texture becomes already apparent at
40 °C. This is also reflected in the domain switching strain SD
[Fig. 6(a)].
While the tetragonal domain switching strain SD,T gradu-
ally decreases with temperature from a high value of 0.5% at
room temperature, the rhombohedral domain switching strain
SD,R stays almost constant between 0.3 and 0.2% over the
whole temperature range.
The reason for the slight decrease in SD,R is the change
in lattice distortion η (Fig. S4 [40]), which is an important
factor for calculating the domain switching strain from the
PFDs [38]:




[ f (hkl ) · cos2α](sin α)dα, (1)
Since the rhombohedral lattice distortion ηR is significantly
lower than the tetragonal ηT, the rhombohedral domain
switching strain SD,R is also lower than the tetragonal one,
SD,T. Figures 6(a)–6(c) show that the tetragonal extrinsic and
intrinsic contributions, namely domain switching strain SD,T
and lattice strain SL,T, respectively, predominantly determine
the overall strain response S. The rhombohedral lattice strain
SL,R is negligible over the whole temperature range. The
high-temperature stability of the rhombohedral, ferroelastic
domain structure is a consequence of the temperature stability
of the rhombohedral phase fraction, which is around 80%
(Fig. S5 [40]).
A system exhibiting multiple phases simultaneously is per
se very susceptible to external stimuli. Specifically, changes in
phase fraction induced by electric fields and mechanical loads
are facilitated by the decrease of lattice distortion towards the
phase boundary. The interplay of coexisting phases as well as
the local state of stress and electric field at their interface will
strongly determine the stability of the system. The external
stimulus in the present study is the change in temperature.
Thermal expansion and randomization of the highly aligned
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FIG. 5. Temperature-dependent pole figure densities for both the rhombohedral (a), (c) and tetragonal (b), (d) contribution to the 111 and
001 reflections.
domain state are, therefore, factors to consider in explaining
the different developments in phase texture.
Thermal expansion coefficients of the different phases can
be calculated from the temperature-dependent lattice parame-
ters (Fig. S6 [40]) and a rough approximation of the develop-
ing interfacial stresses can be obtained using a Young’s mod-
ulus of 128 GPa as reported for bulk BNT-6BT ceramics [41],
keeping in mind that individual phase moduli in morphotropic
systems can vary considerably on the nanoscale [47,48]. Ta-
ble I summarizes the thermal expansion coefficients α in the
a- and c direction and the corresponding stresses, developed
at the interface between rhombohedral and tetragonal phases.
Both phases show anisotropic thermal characteristics, with
expansion in the a direction and contraction in the c direction
upon heating. Depending on the orientation of the neighboring
phases towards each other, the anisotropic characteristics lead
to differences in the interfacial stress.
Figure 7 provides a sketch of different orientation arrange-
ments and the corresponding stresses at the interface. For
an unpoled sample the stress levels as calculated to appear
at the interface between the rhombohedral and tetragonal
phases would lead to mostly elastic response [49]. However,
the response of poled ferroelectric materials to mechanical
pressure significantly differs from the unpoled case, as the
aligned domain structure in the remanent state is metastable
and domain switching can occur more easily. The coercive
stress of poled BNT-BT ceramics under uniaxial compres-
sion was found to increase from −162 MPa for a tetragonal
composition to −253 MPa for a rhombohedral composition
[50]. This highlights that stress levels, as induced at the phase
interface due to thermal expansion, are sufficient to initialize
domain switching and that the tetragonal minority phase is
intrinsically more susceptible to the local stress state. This can
explain the onset of detexturization of the tetragonal phase at
temperatures much below Td and TF-R.
The loss of domain texture at temperatures below Td as
observed in the PFM images (Fig. 3) seems to correspond with
the loss in crystallographic texture observed in the neutron-
diffraction studies. However, the reduction of crystallographic
texture is determined by the tetragonal minority phase (Fig. 5),
which makes up only 20% of the phase content, whereas
the loss in surface domain texture is observed in all regions
investigated. Therefore, it seems that detexturization is gov-
erned by different factors in the bulk and at the surface.
The surface characteristics are signified by a lower transition
temperature T ∗d compared to the characteristics of the bulk.
Surface domain texture is lost already at 75 °C, whereas
crystallographic texture of the bulk is stable up to 85 °C. For
bulk samples a shift in transition temperatures can be induced
both by the application of an electric field [51] or a mechanical
load [52,53], indicating that in the present case heterogeneous
local electrical or strain fields might be the cause for the
observed differences between bulk and surface.
In the present study, the whole sample was electrically
poled at the same conditions for all experiments. However,
the electric boundary conditions during heating differed,
as the electrodes were kept on for the dielectric and the
neutron-diffraction measurements, whereas the electrode on
the probed surface had to be removed for the PFM experiment.
This could potentially lead to an increased screening length in
the PFM measurements compared to the other experiments
and a decrease of the transition temperatures, as indicated
by calculations on ferroelectric PbTiO3 thin films [54]. These
calculations show, however, that the shift in the characteristic
temperatures becomes less pronounced with increasing film
thickness and should be negligible for bulk samples.
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FIG. 6. Temperature dependence of (a) lattice strains SL, (b)
domain strains SD, and (c) total strains S for both the tetragonal
and rhombohedral phase (subscript “T” and “R,” respectively) as
observed when heating a prepoled sample up to 100°C.
Besides heterogeneous electric fields, variations in the me-
chanical stress state could be the source of the differences in
temperature-dependent response. Application of hydrostatic
compressive stress has been proven to strongly decrease the
characteristic temperatures of various relaxor materials. Re-
lated to the observations in the present study, this could indi-
cate that the sample bulk experiences tensile stress that relaxes
towards the sample surface. Indeed, it was reported that Ba
doping of BNT introduces a tensile chemical pressure (about
2.5 GPa for BNT-11BT [55]). This is significantly higher than
TABLE I. Thermal expansion coefficients α of both rhombohe-
dral and tetragonal phase, corresponding stresses σ .
αtetra (K−1) σtetra (MPa) αrhomb (K−1) σrhomb (MPa)
a direction 2.122 × 10−5 163 1.319 × 10−5 101
c direction −3.261 × 10−5 −251 −0.380 × 10−5 −29
the hydrostatic compression needed to shift the maximum
permittivity of, e.g., PMN-30PT or PLZT 6/65/35 by 12 °C
[52,53], which is the maximum temperature difference be-
tween Td and T ∗d as observed in the present study. At the
surface, the chemical pressure vanishes and with it its stabi-
lizing influence on the ferroelectric domain structure, leading
to the observed lower depolarization temperature. As doping-
induced chemical pressure is a widely present phenomenon,
its different impact on the bulk and surface properties should
be observable in a broad variety of materials.
IV. CONCLUSION
The achievable strain per unit electric field is one of
the most important parameters for piezoelectric/ferroelectric
applications. Materials showing a reversible relaxor-ferro-
electric transition, as the one presented here, show excep-
tionally good performance in this regard, when driven above
the transition temperature TF-R, where the strain response is
determined by the reversible transition between the polar and
nonpolar phases. Below TF-R the continuous change in hys-
teresis shape and unipolar strain with increasing temperature
(Fig. 1) points to the importance of the interplay between the
two different phases present and their susceptibility towards
the local mechanical stress state. The higher strains observed
in this temperature regime might originate from the reversible
detexturization of the tetragonal minority phase induced by
the interfacial stresses between the two phases. This would
make more ferroelastic domains available to contribute to
the strain upon electric-field application. Furthermore, the
regions with randomized domain structure can locally disrupt
the ferroelectric domain alignment and promote the loss of
coherency. The existence of such seeds could be the origin of
the specific polarization reversal mechanism in the tempera-
ture range below TF-R that is specified by a nonpolar phase
mediating the transition from one polar phase to the other
upon electric-field reversal [8].
The presence of interfacial stresses between different crys-
tallographic phases seems to be key for the performance of
multiphase relaxor-ferroelectric systems. This opens up a door
to tune their properties by controlled precipitation of opti-
mized ratios of crystallographic phases. Tailoring of transition
temperatures and stabilization/destabilization of ferroelectric
domain structures can be targeted through this “in-build”
stress. This is of high interest within the ferroelectric area
for the development and optimization of actuator materials,
piezotronics, as well as electrocalorics, and can be as well
a useful tool to adjust metal-insulator transitions, stabilize
metastable phases with desired functionality, or adjust tran-
sition temperatures in multiferroic materials.
ACKNOWLEDGMENTS
J.G. and J.S. acknowledge support by the Australian Re-
search Council through Discovery Grants. M.H. acknowl-
edges funding through the German Research Society DFG
(Grant No. 1867/1-1) and M.A. acknowledges the support
of the Feodor Lynen Research Fellowship Program of the
Alexander von Humboldt Foundation.
054406-6
REVEALING THE ROLE OF LOCAL STRESS ON THE … PHYSICAL REVIEW MATERIALS 3, 054406 (2019)
FIG. 7. Sketch of different phase orientations and the arising absolute interfacial stresses. The gray arrows inside the boxes indicate the c
direction for both phases; the black arrows indicate direction of expansion/compression.
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